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The α/β interface in Ti-6Al-2Sn-4Zr-6Mo (Ti-6246) was investigated via center of symmetry analysis, both
as-grown and after 10% cold work. Semicoherent interface steps are observed at a spacing of 4.5 ±1.13 atoms
in the as-grown condition, in good agreement with theory. Lattice accommodation is observed, with elongation
along [¯12¯10]α and contraction along [10¯10]α . Deformed α exhibited larger, less coherent steps with slip bands
lying in {110}β . This indicates dislocation pile-up at the grain boundary, a precursor to globularization during
heat treatment. Atom probe tomography measurements of secondary α plates in the fully heat-treated condition
showed a Zr excess at the interface, which was localized into regular structures indicative of Zr association with
interface defects, such as dislocations. Such chemo-mechanical stabilization of the interface defects would both
inhibit plate growth during elevated temperature service and the interaction of interface defects with gliding
dislocations during deformation.
DOI: 10.1103/PhysRevMaterials.4.013602
I. INTRODUCTION
Titanium alloys are widely used in safety-critical aerospace
applications due to their exceptional specific fatigue-
allowable strengths [1]. The solid-state transformation from
the high temperature bcc β phase to the hexagonal close
packed (hcp) α phase offers the opportunity for microstruc-
tural tailoring through solid-state processing, which allows
fine-grained microstructures to be produced [2]. The orien-
tation relationship between the phases obtained by minimiz-
ing the interface strain and maximizing interface coherency
is approximately {110}β ‖{0002}α 〈111〉β ‖〈11¯20〉α [3]. In
α − β alloys, naturally grown α forms as plates nucleated
from pre-existing α or from β grain boundaries, e.g., in a
Widmanstätten morphology; equiaxed α can then be produced
by hot working and globularization [4,5].
The low-energy, broad-face habit plane of α plates is
commonly held to be {112}β ‖ {10¯10}α [1], although other
works have also reported {11 11 13}β ‖{27 20 7 0}α [6]. De-
tailed transmission Kikuchi diffraction analysis has recently
observed both possibilities in the same specimen [7]. To
accommodate the interface misfit between the two phases, the
plates contain interface defects, including interfacial disloca-
tions [8,9], structural ledges [10,11], and misfit-compensating
ledges. These give rise to plate thickening through the classi-
cal terrace-ledge-kink model, where the ledges are incoher-
ent and therefore mobile whereas the terraces are coherent
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and therefore immobile. Pond et al. [12,13] analyzed the
ledges as being composed of both dislocation character and a
step associated with the core, terming the overall defect a
disconnection.
Models of the α/β interface have therefore been con-
structed to predict the interface based on both the O-lattice
theory of Bollmann [14] and the topological model of Hirth,
et al. [12,15], with the topological approach generally finding
more applications. Recently, Zheng et al. [16] examined the
interfaces formed in refined Ti-5553, validating the calcu-
lated disconnection spacing and direction in the interfaces
observed.
The disconnection character and spacing is of technolog-
ical significance because these will determine the mobility
of the interface and therefore the plate thickening rates that
arise. This will in turn be important to the plate formation
kinetics. Therefore, these defects determine refinement of the
microstructures achieved by heat treatment, given the mobili-
ties of the rate-controlling solutes at the α/β interface. It can
also be hypothesized that the interface defects and their mo-
bility are in some way related to the nucleation of branching
side-plates where fine-scale secondary α are formed in heavily
β-stabilized alloys such as Ti-6Al-2Sn-4Zr-6Mo (Ti-6246).
Another aspect that is likely critical to interface mobility
is local chemical composition and the possible segregation
of particular species to such an interphase or grain boundary
interface. The general subject of segregation to interfaces
was discussed, for instance, by Raabe et al. [17], where
the authors describe how the decoration of grain boundaries
by solutes or secondary phases can be used to benefit the
performance of materials. Atom probe tomography (APT)
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is often employed in such investigations [18,19]. In recent
years, there have been many reports of such segregation to
interfaces in materials other than titanium, such as aluminium.
For example, Pandey et al. [20] observed Zr segregation to
the eutectic Al3Ni/α-Al interface in an Al rich Al-Ni eutectic
alloy with the addition of 0.15 wt. % Zr. It was suggested
that the presence of Zr at this interface reduces the interfacial
energy. Solute segregation has also been observed in a model
Al-Zn-Mg-Cu alloy [21], where 10 nm precipitate-free zones
had formed adjacent to enriched grain boundaries. Zn is fre-
quently depleted at Al grain boundaries, in regions 7–15 nm
wide [22]. It has also been proposed that oxygen may pin the
grain boundary in nanocrystalline Al [23]. In steel, Miyamoto
et al. [24] observed boron segregation in a low carbon steel,
the extent of which reduced at low angle grain boundaries. In
an Fe(Cr) nanocrystalline alloy, solute segregation was found
to be dependent on grain boundary type [25]. However, grain
and phase boundary solute segregation has not yet received a
similar level of attention in Ti alloys.
In this paper, we investigate the interface of primary α
plates formed in Ti-6246 with basketweave primary α to
examine the generality of the findings of Zheng et al. [16].
We then examine the effect of deformation on the interface
structure and discuss the implications of these changes for the
subsequent evolution of the microstructure during processing
to produce fine-grained primary α in commercial product. In
addition, APT data are presented that measure chemical seg-
regation in the vicinity of α interfaces in the aged condition.
We finally discuss how our findings on the deformation and
segregation might then facilitate, e.g., the nucleation of side
plates and the remodelling of α plates during globularization.
II. EXPERIMENTAL METHODS
Specimens were prepared from a high pressure compres-
sor disk of nominal composition Ti-6Al-2Sn-4Zr-6Mo (wt.
%), Ti-10.8Al-0.8Sn-2.1Zr-3.0Mo (at. %) supplied by Rolls-
Royce plc. Derby. A 10 × 10 × 10 mm sample was heat
treated for 30 min at 960 ◦C then cooled at 7 ◦C min−1 to
800 ◦C, followed by manual water quenching. The resulting
microstructure featured primary α laths within a β matrix
to allow a clean interface to be investigated via electron
microscopy. The material was then prepared using a standard
metallographic process. Specimens were then etched using
Kroll’s solution (100 ml H2O, 6 ml HNO3, 3 ml HF), to image
grain boundaries in the scanning electron microscope (SEM),
prior to lift-out.
To produce a deformed microstructure, a bar 15 × 15 ×
120 mm was flat rolled at room temperature to 90% of its
starting thickness in one pass. A section cut from the center of
the bar was then prepared for electron backscatter diffraction
(EBSD). EBSD orientation mapping was performed using a
Zeiss Auriga FEG-SEM with an Bruker HKL eFlash EBSD
detector to locate grains for ion milling, using an FEI He-
lios NanoLab 600 DualBeam system with an OmniprobeTM
micromanipulator using a standard lift-out procedure [26].
Scanning transmission electron microscopy (STEM) was per-
formed using a probe-corrected FEI Titan3TM 80-300.
Lattice parameters were found by x-ray diffraction using
a Panalytical X’Pert Pro diffractometer system, with Cu Kα
radiation. Spectrum patterns were recorded in the range 5–
80◦ 2θ , with a step size of 0.0334◦. Peak fitting was performed
using Topas-Academic.
To characterize the interface structure, image masks were
placed over the FFT pattern spots to refine the image, us-
ing GATAN DIGITAL MICROGRAPH software. Atom column
positions were calculated using a MATLAB script to find
nearest-neighbor coordinates for symmetry analysis
As received, fully heat treated needle-shaped specimens
for APT were prepared by the cryogenic focused ion beam
(cryo-FIB) milling protocol described by Chang et al. [27] to
prevent the undesired H pick-up from the environment. Site-
specific lift-outs were conducted with a 30 kV, 6–9 nA Xenon
plasma source at ambient temperature, and the subsequent
annular milling was done using a 30 kV, 0.46 nA to 24 pA Xe
beam after the stage was cooled to ∼135 ◦C using the setup
described in Ref. [28]. The final milling was conducted with
a 2 kV, 24 pA Xe ion beam under cryogenic conditions. APT
measurements were performed using a Cameca LEAP 5000
XR operated in high-voltage pulsing mode with 20% pulse
fraction, 250 kHz pulse frequency, and a target detection rate
of 5 ions per 1000 pulses at a base temperature of 50 K. The
pressure in the ultrahigh vacuum chamber was consistently
below 4 × 10−9 Pa. Isocomposition surfaces [29] of 2 at. %
were then used to analyze Zr concentration at the interface,
where a set of 3D surfaces delineate regions within the point
cloud that contain over 2 at. % Zr.
III. MODELLING
A. Phenomenological theory of Martensitic
transformations (PTMT)
According to the phenomenological theory of martensite
crystallography/transformations (PTMC/PTMT) [12], a de-
formation, S, transforms the cubic β lattice into the hexagonal
α lattice at the Burgers orientation,
S = 
⎡
⎣
−1 0 0
0 1 (cos χβ − cos χα )/ sin χβ
0 0 sin χα/ sin χβ
⎤
⎦
=
⎡
⎣1 0 00 1.0420 −0.1842
0 0 0.9572
⎤
⎦, (1)
where  = 2aα/
√
3aβ and aα and aβ are the lattice parame-
ters of each phase, obtained by x-ray diffraction. These were
measured to be aα = 0.29346 ± 0.0004 nm, cα = 0.4693 ±
0.0006 nm, and aβ = 0.32519 ± 0.0004 nm. No deformation
is assumed along the x axis (hcp c direction) as the co-
herency strain is small in this direction, so the lattice invariant
deformation does not need to be considered [12,30], and
therefore this can be treated as a two-dimensional problem.
χβ = 70.53◦ and χα = 60◦ are the angles between lattice
planes, which are set for hcp and bcc, Figs. 1(b) and 1(c).
Wayman [31] decomposed the deformation tensor S into R1B,
where B is the lattice transformation (Bain strain, which must
013602-2
INTERFACE CHARACTERISTICS IN AN … PHYSICAL REVIEW MATERIALS 4, 013602 (2020)
FIG. 1. (a) Schematic illustration of the broad interface between the α and β phases, with the corresponding (ideal) axes in each phase.
(b) The cubic lattice (purple) and the hexagonal lattice (pink), illustrating the Burgers orientation relationship. There is a fixed angle χ of each
lattice and lattice parameter a. (c) The trigonometric relation of the interface parameters and (d) the lattice matching defining the angles ω
and φ.
be symmetric) and R1 is a rigid body rotation:
B =
⎡
⎣1 0 00 1.0376 −0.0956
0 −0.0956 0.9700
⎤
⎦. (2)
R1 is then
R1 = SB−1 = S
(
STS
)− 12
=
⎡
⎣1 0 00 0.9958 −0.0918
0 0.0918 0.9958
⎤
⎦. (3)
The matrix B is multiplied by an invariant vector in the
invariant plane, v. v · Bv can be used to find the angle of
rotation, ψP, where Bv is the undistorted but rotated vector.
To discover the orientation of the invariant plane, solutions
are found for Eq. (4), where v′ is the transpose of the vector v:
v′B2v = v′v. (4)
As the unit vector v is in the y − z plane, x = 0, Eq. (4)
becomes
y2
(
B222 + B23B32
)+ 2yz(B22B23 + B23B33)
+ z2(B23B32 + B233) = y2 + z2, (5)
where B23 = B32. Values from Eq. (2) can now be inserted.
Additionally, it can then be said that y2 + z2 = 1 as v is a unit
vector so
0.0793(1 − z2) − 0.0556z2 − 0.3816z(
√
1 − z2) = 0. (6)
This can then be solved numerically to give
v =
⎛
⎝ 00.9771
0.2141
⎞
⎠. (7)
The angle of inclination of the invariant plane, IP, with
respect to the terrace is then given by
ωP = tan−1(vy/vz ) = 12.27◦, (8)
where vy and vz are the y and z components of v.
The rotation between v (invariant vector) and Bv (rotated
but undistorted vector) is denoted R2. To calculate this and the
accompanying angle of rotation, a standard rotation matrix is
used for the angle between v and Bv, ψP:
ψP = cos−1
(
v · Bv
‖v‖‖Bv‖
)
= 5.7981◦. (9)
This angle can be used to calculate the rotation R2, making v
the invariant vector, where R2Bv = v.
R2 =
⎡
⎣1 0 00 cos(ψ ) − sin(ψ )
0 sin(ψ ) cos(ψ )
⎤
⎦
=
⎡
⎣1 0 00 0.9949 −0.1010
0 0.1010 0.9949
⎤
⎦. (10)
R3 = R2R−11 is the overall misorientation of the α lattice
away from the Burgers orientation, with a rotation angle φP =
cos−1(R3yy), Fig. 1(d).
The final rotation, R3, can now be calculated, where
R3 = R2R−11 =
⎡
⎣1 0 00 0.99996 −0.0.0093
0 0.0093 0.99996
⎤
⎦. (11)
This gives the final angle of rotation, the rigid body rotation
of the α lattice away from the Burgers orientation, as 0.5331◦.
B. Topological theory
Alternatively, the relationship between the phases can be
calculated using a topological model [12], where the β lattice
is stretched and the α lattice is compressed by εyy/2 along
〈111〉β ‖〈11¯20〉α .
Now, the step heights of the α and β phases can be
calculated using lattice parameters and angles outlined,
hα = aα sin(χα ) = 0.2541 nm,
hβ =
√
3aβ
2
sin(χβ ) = 0.2655 nm. (12)
The Burgers vector of the disconnections is given by b =
tβ − tα with components bz = hβ − hα [see Fig. 1(c) for
definitions] and
by = 3−0.5aβ (1 + εyy/2) − 0.5aα (1 − εyy/2). (13)
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(a)
(b)
FIG. 2. (a) HAADF HR-STEM of the α/β interface. The top of
the image is viewing the (110) β plane, the bottom is the (0002) α
plane. The stepped interface can be seen in the middle, (b) color map
of Mi, indicating where the positions of steps are along the interface
through deviation from symmetry.
Pond et al. [12] show that
εyy = by tan θ + bz tan
2 θ
hα
= 0.0412 nm. (14)
For this system, b = 0.0492 nm, by = 0.0479 nm, and bz =
0.0114 nm. This quadratic equation can be solved for tan θ
[Fig. 1(a)]. Then, ωT = θT − φT , Fig. 1(d). φT is then
calculated as follows:
φT = 2 sin−1
( (bz cos θ − by sin θ ) sin θ
2hα
+ εyy sin θ cos θ
2
)
= 0.5108◦. (15)
Thus, one obtains the disconnection spacing, LT and the
disconnection spacing along the terrace plane, λT :
LT = hα
sin θ
= 1.2473 nm, (16)
λT = LT cos θ = 1.2211 nm. (17)
IV. RESULTS
A. Undeformed α/β interface
The α/β interface was imaged using HR-STEM, Fig. 2.
The top of the image is viewed along [110]β , and the bottom
along [0002]α . Foil heterogeneity caused deviation from the
zone axis in some parts of the image, reducing the definition of
some atomic columns. To address this, the image FFT was fil-
tered via pattern spot masking, Lucy-Richardson deblurring,
and Gaussian point spread function (PSF) reconvolution. The
nearest neighbors could then be calculated for each column-
enabling analysis of the local crystal symmetry to estimate
interfacial step locations, Figs. 2(b) and 4(d). The interfacial
symmetry parameter Mi mapped in Fig. 2(b) is given by
Mi =
(∣∣∣∣∑3
n=1rn
∣∣∣∣·∣∣∣∣∑2n=1rn∣∣∣∣)/ ||r1||2, (18)
where rn is the relative position vector of the nearest neighbor
of rank n for a given atomic column taken as the origin, i.e.,
r1 is the first-nearest-neighbor position. The crystal symmetry
of the α and β phases gives nonzero values of Mi only at
the interface, due to e.g., crystallographic defects and regions
with nonuniform lattice strain. Hence, Mi gives a qualitative
measure of deviation from the ideal structure in the vicinity of
the interface.
Multiple disconnection spacings were measured from the
image giving an average disconnection spacing λ of 4.5 ±1.13
atoms (1.5 nm) and an overall inclination ω of 12.6 ± 1◦,
allowing comparison with the PTMC and topological mod-
els. The topological model predicted a disconnection spac-
ing λT of 4.25 atoms (1.22 nm), with ωT = 12.29◦ and
φT = 0.5337◦, whilst the PTMC model predicted ωP = 12.27◦
and φP = 0.5331◦. Good agreement between both models and
the measurements are obtained, similar to the result obtained
by Zheng et al. for alloy Ti-5553 [16], who only compared to
the topological model.
In addition to disconnection spacing λ, symmetry analysis
highlighted a distorted region in the α phase adjacent to the
interface (light blue). Its depth can be observed to be ≈
1 nm and within it the α lattice shows a gradual dimensional
distortion in the course of deforming into the β lattice. It
exhibits elongation and contraction along the [¯12¯10]α and
[10¯10]α crystallographic directions, respectively. Given the
very thin specimen geometry, this effect is unlikely to result
from inclination of the interface relative to the beam direction
and can therefore be assumed to be the accommodation of the
new lattice form.
B. Interface chemistry
The chemistry of a similar interface was investigated using
APT, Fig. 3. When a 2 at. % Zr isosurface is applied, Fig. 3(a),
regularly spaced features can be seen along both of the α/β
interfaces examined, labeled interface 1 and 2. To further
highlight this, a density plot was used, Figs. 3(b) and 3(c).
These analyses within the plane of the interface make clear
that there are regularly spaced enriched regions of Zr along
the interface, which form linear features.
When composition profiles are taken (along the directions
indicated by arrows in each subfigure), an increase of Zr of
around 1.5 at. % is measured, spaced around 5–10 nm apart.
These are observed to occur in both interfaces examined, at
multiple locations and in multiple data sets obtained from
different specimens prepared from the same sample, and is
hence considered to be a general feature of such interfaces.
C. Deformed α/β interface
The Ti-6246 specimen deformed to 10% strain is shown in
Fig. 4, where the image plane is parallel to (111)β//(2110)α .
The α laths are less lenticular than in the undeformed alloy,
with characteristic “bumps” along the interface. Slip bands
can be seen in the β matrix, terminating at large heterogeneous
steps along the α/β interface. Within the β phase, the trace of
the slip bands can be seen on {110} glide planes, which lie
parallel to the beam direction.
Given the symmetry of the β and α lattices, a hexag-
onal center-of-symmetry parameter [32] was calculated for
each atomic column, Fig. 4(d). The parameter is zero in
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FIG. 3. Atom probe tomography of a specimen of fully heated treated Ti-6246. (a) Two α lamellae were observed within the needle,
with the β matrix in between, as labeled. The point cloud represents a volume of 50 nm × 50 nm × 95 nm. (b), (c) 2 at. % Zr isosurface
highlighting regions of increased Zr concentration at each α/β interface. A density contour highlights regularly spaced regions along the
interface with higher concentrations of Zr, which are attributed to possible defects along the interface. (d)–(f) Concentration profile across the
regions highlighted in (a)–(c), respectively.
a perfect β crystal, but takes on high values in the α,
which possess off-hexagonal symmetry when viewed along
[2110]α . A gross rotation in the crystal lattice can be seen
in the image. Given the numerous dislocations observed in
Fig. 4, their pile-up at the interface is the likely cause of
the β lattice rotation. The β phase is softer than the α
phase, and therefore might be expected to accommodate
more of the applied deformation. Some lattice dislocations
in the β phase are evident in Fig. 4(d) and are labeled with
arrows.
Figure 2 shows clearly that steps in the α/β interface allow
for the accommodation of lattice mismatch between the two
phases in Ti-6246. The interfacial steps become significantly
exaggerated when the alloy is cold worked, Fig. 4. One might
hypothesize that these could act as nucleation sites for the
formation of secondary α. Conversely, the large shear bands,
seen in Fig. 4, might also provide nucleation sites at lower
ageing temperatures.
V. DISCUSSION
Zherebtsov et al. [33], investigated the loss of coherency
at stepped α/β interphase boundaries using the analytical van
der Merwe model. The study showed that the absorption of
lattice dislocations by the interface leads to gradual loss of
coherency substantially increasing the interfacial energy. The
minimization of this energy is likely to drive the formation
of the giant interfacial steps in deformed Ti-6246 observed in
this paper.
Formation of interfacial phases has been suggested to
accompany the β to α solid state transformation in some Ti
alloys, helping to accommodate the interfacial misfit strain
and potentially providing nucleation sites for the α plates.
Kang et al. [34] investigated the α/β phase boundary in
a near-α titanium alloy, observing a discontinuous interface
phase in a pre-strained material. Nag et al. [35] reported
assisted nucleation of α laths from aged-in nanoscale ω phase
in Ti-5553-0.5Fe, which can be exploited for microstructural
refinement [36]. Our study has not found any additional
phases associated with the interphase boundary. Instead inter-
facial strain relief is provided by a 1-nm-thick region where
the α lattice shows progressive distortion toward the bcc
structure.
Considering the thermodynamics of the interface, defor-
mation has resulted in an accumulation of defects and as-
sociated interfacial defect structures which are available for
energy minimisation by thermally-induced diffusional rear-
rangement. Many titanium alloys such as Ti-6246, Ti-6Al-4V,
and Ti-6Al-2Sn-4Zr-2Mo are worked in the two-phase region,
after which a heat treatment is applied to remodel the primary
α, termed globularization. Jackson et al. [37] showed in the
near-β alloy Ti-10V-2Fe-3Al that deformation causes the α to
fragment, a precursor to globularization. Dislocation pile-up
occurs at the α/β boundary causing the break up of α plates,
leading to penetration of β at the subgrain boundaries. Such
dissolution of α by β phase must therefore be driven by
the diffusion of highly misfitting atoms such as Mo, which
tend to be β-stabilizers, to highly defective regions such as
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(a) (b)
(c) (d)
FIG. 4. (a) HAADF-STEM overview of the TEM foil (image
normal [1¯2¯10]α‖[1¯1¯1]β ), with (b) a magnified image of the α plate
structure. The α phase appears as dark and the β phase as a light
grey. Large steps can be seen along the α/β interface and evidence
of distortion can be seen in the β matrix. (c) shows the increased
magnification of the less coherent step structure and (d) is a color
map of the center of symmetry parameter [32], with dislocations
highlighted by arrows.
those observed here. This provides a mechanistic hypothe-
sis for how globularization occurs. Additionally, Poschmann
et al. [38] found via elasticity theory and molecular dynamics
that 〈111〉β screw dislocations can act as heterogeneous nu-
cleation sites in pure Ti, resulting in an elastically preferential
habit plane. This indicates that after deformation, α nucleation
that occurs may be affected by the Burgers vector of the dislo-
cation, linking dislocation density to the post transformation
microstructure. Therefore the prevalence of {110}β slip bands
observed here could lead to altered nucleation of secondary
α. It should also be noted that slip bands through the α − β
ensemble provide both a means of work hardening and of
flow localization, which might be of concern, e.g., in fatigue.
Such slip transfer events have been observed and analysed
in detail elsewhere [39] and therefore will not be discussed
further.
Elemental segregation at the α/β interface has not yet been
seen in the literature. The Zr peaks observed could be due to
defects along the interface, however, the spacing observed (5–
10 nm) is inconsistent with the occurrence of these suggested
defects at every interface step. Selective segregation patterns
associated with the local strain state were recently reported
in a detailed analysis by a combination of HR-STEM and
APT [40]. For the APT data presented here, the zone axis
along which these compositional variations were observed is
not known. Therefore it cannot directly be connected crystal-
lographically to the features seen in the HR-STEM samples.
Zr is a relatively neutral stabilizer in Ti alloys, segregating
to neither the α nor the β phase. However, the segregation
of Zr was predicted to help lower the stacking fault energy
in α-Ti [41], so segregation hence likely also helps minimize
the system’s free energy. The spacing of the Zr-rich observed
features is similar to that of the slip bands observed after
deformation in the β matrix, e.g., before the secondary α
plates observed here were grown. Ultimately, this cannot be
known without a fully correlative, in situ observation of the
slip bands and then ageing of the α, e.g., by HR-STEM,
followed by correlative APT to detect the Zr features. It is,
however, reasonable to state, based on similar observations in
the literature [40,42,43], that the pattern in the Zr segregation
at the interface is due to the presence of line defects.
Titanium plates are held to thicken by ledgewise growth,
since the interface steps will be high-energy features with
consequent high mobility. This gives them the ability to
“sweep up” solutes and other interfacial defects as they
move. This may provide a rationale for why such segregation
might occur. It may also be assisted by Zr transport along
slip bands, provided that there is a thermodynamic driving
force. However, the mobility of such interface defects would
then be kinetically inhibited by the energy required to unpin
from the solute, and/or the requirement for a waiting time
for the solute to diffuse to the moving defect. This would
ultimately limit the ability of secondary α to coarsen, e.g.,
during elevated temperature service, acting to stabilize the
microstructure in use. It would also limit the ability of such
deformation-generated mobile dislocations to interact with
existing interfacial conherency defects, thus strengthening the
interface.
VI. CONCLUSIONS
We examined the α/β interface in Ti-6Al-2Sn-4Zr-6Mo
(Ti-6246). Semicoherent interface steps are observed at a
spacing of 4.5 ±1.13 atoms and an inclination, ω of 12.6 ± 1◦,
in the as-grown condition which is in good agreement with
theory predictions, where the topological model predicted a
disconnection spacing λT of 4.25 atoms (1.22 nm), with ωT =
12.29◦ and φT = 0.5337◦ and the PTMC model predicted an
angle of ωP = 12.27◦ and φP=0.5331◦. A ∼1 nm interface
region is observed where the two lattices are distorted. De-
formed α exhibited larger, less coherent steps with slip bands
lying in {110}β . These microstructural steps may provide the
sources for the pinch-off process of globularization observed
during the α − β heat treatment of α + β worked titanium
alloys. Furthermore, Zr decoration of the interface was ob-
served, localized within linear features with a spacing of 5–10
nm.
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